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We present our theoretical assessment of the kinetic pathways during phase transformations of
multi-component Ti alloys. Employing the graphical thermodynamic approach and an inte-
grated free energy function based on the realistic thermodynamic database and assuming that a
displacive structural transformation occurs much faster than long-range diffusional processes,
we analyze the phase stabilities of Ti-6Al-4V (Ti-6wt.%Al-4wt.%V). Our systematic analyses
predict a variety of possible kinetic pathways for b to (a + b) transformations leading to different
types of microstructures under various heat treatment conditions. In addition, the possibility of
unconventional kinetic pathways is discussed. We also briefly discuss the application of our
approach to general multicomponent/multiphase alloy systems.
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1. Introduction

A thorough understanding of the phase transformation
mechanisms of Ti alloys is an important prerequisite for
improving and controlling their mechanical properties. The
microstructures of Ti alloys are sensitive to the transforma-
tion pathways that are determined by thermo-mechanical
processing conditions and alloying chemistry. In particular,
different cooling histories and compositions of b-stabilizers
(e.g., b isomorphous elements: V, Mo, Nb, and b eutectoid-
forming elements: Cr, Fe, Si) and/or a-stabilizers (e.g.,
substitutional element: Al, interstitial elements: O, N, C)[1,2]

of multi-component Ti alloys result in a wide spectrum of
two-phase (a + b) microstructures. For example, the b

transus (Tb) of Ti-6Al-4V (Ti-6wt.%Al-4wt.%V)
(�1000 �C[3]) is different from that of pure Ti
(�882 �C[4]), and the alloying elements Al (a-stabilizer)
and V (b-stabilizer) enhance the stabilities of a and b
phases, respectively. As a result, Ti-6Al-4V alloys display
dual-phase (a + b) microstructures over a wide temperature
range. The continuous cooling from above Tb after hot
deformation may result in a fully lamellar microstructure (or
basket-weave and Widmanstätten microstructure). On the
other hand, bi-modal microstructure (consisting of globular
a grains and lamellar a plates) or fully equiaxed microstruc-
ture can be achieved depending on cooling rates if the alloy
is cooled at a temperature below Tb along with hot plastic
deformation in the (a + b) phase field. It should be noted
that the features of phase microstructures such as the size of
a colonies, the width of a lamellae, and the configuration of
a grains directly influence the strength and ductility of the
alloy.[2,5] These microstructural characters are mainly deter-
mined by the two major kinetic processes: b (bcc) to a (hcp)
allotropic displacive transformation and long-range diffu-
sion of alloying elements. Therefore, the understanding of
kinetics of these two processes and their interplay is
critically important for tailoring the phase microstructures
and optimizing the mechanical behaviors of the alloys. A
number of experimental studies[6-10] have been published in
this regard. It has been shown that the compositional and
structural (in)stabilities determine whether the diffusional
phase transformation occurs through nucleation-and-growth
or spinodal decomposition and whether the structural
change occurs through discontinuous or continuous dis-
placive transformations, respectively. For instance, in the
case of Ti-6Al-4V, upon slow cooling (<20 K/s) from
above Tb, a phase can precipitate in the b matrix through the
diffusional nucleation-and-growth process,[11] whereas the
b fi a transformation takes place displacively without the
compositional change under fast cooling (>20 K/s).[12] In
addition, precipitation of Ti3Al may occur during isothermal
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aging at lower temperatures.[1] Note that it is challenging to
precisely characterize these phase transformation mecha-
nisms in experiments due to their complexity.

Theoretical investigations based on the so-called ‘‘graph-
ical thermodynamic approach’’[13] have established the
systematic understanding of the complicated coupling of
the kinetic processes during phase transformations in several
alloy systems including Al-Li,[14] Ni-Al, Ni-Ti,[13] ZrO2-
Y2O3 alloys[15] and other generic systems.[16,17] They are
mainly based on the analysis of relevant phase stabilities with
respect to compositional and/or structural changes. Specifi-
cally for Ti alloys, the decomposition of b phase and the
formation of x phase have been graphically illustrated.[18,19]

Recently, Heo et al.[20] applied the graphical thermodynamic
approach to systematically analyzing the kinetic pathways in
a model Ti-M binary alloy exhibiting two-phase (a + b)
microstructures. They also explained the experimentally
observed microstructures based on their proposed kinetic
pathways of phase transformations. Boyne et al.[21] demon-
strated the presence of the pseudospinodal mechanism[17] and
Wang et al.[22] reported the precursory-spinodal mechanism
in b-Ti alloys using computer simulations.

In this study, we extend the theoretical framework of Heo
et al.[20] to multi-component Ti alloys. Employing a ternary
Ti-6Al-4V alloy as a model system and its thermodynamic
database, we systematically analyze the possible kinetic
pathways under various heat treatment conditions.

2. General Framework: Graphical Thermody-
namic Approach for Multi-component Alloys

The thermodynamic and kinetic characteristics of phase
transformations of alloys can be analyzed by examining the
variation of the Gibbs free energy (G) with respect to the
change of thermodynamic configurations (e.g., composition,
crystallographic structure, long-range or short-range order-
ing, etc.) under given temperature (T) and pressure (p).
Mathematically, the state of a phase is represented by a point
on the Gibbs free energy landscape (or hypersurface) as a
function of configurational variables such as compositions
(X) and order parameters (g). The possible pathways of a
transformation from one phase state to another are directly
related to their local topological features (i.e., phase
stabilities) on the hypersurface. More specifically, the
stability of a given phase and the features of phase
transitions are determined by the following two major
factors: (1) the local variational characteristics of G at the
given point on the hypersurface with respect to infinitesimal
perturbations of the thermodynamic configurations (i.e., the
second derivatives of G with respect to configurational
variables), which determines whether the given phase is
stable or unstable; (2) the relative value of G itself on the
phase transition pathway, which determines the relative
(meta)stability of the given phase with respect to other phase
states. Fundamentally, the most probable phase transforma-
tion pathway is the trajectory that has the minimum energy
barriers on the Gibbs free energy hypersurface since the
relevant kinetic processes are usually thermally activated

ones. Therefore, the phase stability analysis based on
graphical examination (i.e., ‘‘graphical thermodynamic
approach’’) of the Gibbs free energy hypersurface topology
may provide the systematic understanding of the kinetic
phase transformation pathways along minimal energy
barrier trajectory.

The first step of the graphical thermodynamic approach is
to construct a free energy function that can describe the
relevant kinetic processes. Let us consider a general multi-
component and multi-phase system under given T and p.
The multiple compositions of the N alloying elements are
expressed by X1;X2; . . . ;XNð Þ. The structural changes from
the parent phase to M product phases are represented by a
set of order parameters ðg1;g2; . . . ;gM Þ. Based on these
configurational variables, the total free energy of the system
may be expressed as the following:[23,24]

f ðfXg; fggÞ ¼ 1�
XM

i¼1

hðgiÞ
 !

� f 0ðfXgÞ

þ
XM

i¼1

hðgiÞ � f iðfXgÞ þ gðfggÞ;
ðEq 1Þ

where f i Xf gð Þ(i = 0,1,…,M) are the molar Gibbs free
energies of different phases, h gið Þ is an interpolation
function that relates the phases to the molar Gibbs free
energy as a function of relevant compositions, and gðfggÞ is
a Landau-type free energy that describes the structural
transformations. As shown in Fig. 1, we consider a phase
transformation from a homogeneous parent phase (labeled

as ‘‘0’’ in the figure) corresponding to fXg0; f0g
� �

to the

final equilibrium state (labeled as ‘‘e’’) corresponding to
fXge; fggeð Þ. Between these two states, we assume that
there are two different intermediate metastable states (la-

beled as ‘‘A’’ and ‘‘B’’) corresponding to fXgA; fggA
� �

and

fXgB; fggB
� �

, respectively, on the possible 0 fi e trans-

formation paths. Assuming that all these phase states are
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���
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stabilities of the different states are then determined by the
above-mentioned two criteria. Specifically,
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for given state s (s = 0, e, A, B). We note that, for the state s,
the positive-definite, negative-definite, or indefinite Hessian
matrix implies that a state is at local minimum, local
maximum, or saddle point, respectively. When the given
state is located at the local minimum, the state is stable with
respect to small variations of both composition and
structure. On the other hand, when the given state is located
at the local maximum or saddle point, the state is
unstable with respect to any compositional or structural
variations depending on whether composition-related or
order parameter-related eigenvalues of Eq 2, respectively,
are negative. Note that the compositional instability and
structural instability lead to spinodal decomposition and
continuous displacive transformation (or continuous order-
ing), correspondingly.

(2) The relative values of the Gibbs free energy
(f ðfXgs; fggsÞ) for the given state s (s = 0, e, A, B)
on the possible pathways. According to criterion (1),
the e, A and B states in Fig. 1 are all stable or
metastable with respect to small perturbations of com-
position and order parameter. However, their values
of Gibbs free energy are different. The state e is lo-
cated at the global minimum, while the states A and
B are located at the local minima of which Gibbs free
energies are higher than the state e counterpart. In this
case, the states A and B are considered
metastable with respect to the state e, which means
that there exists the driving force for the phase trans-
formation from state A (or B) to the equilibrium state
(e) with an energy barrier. The transformation from a
metastable phase to a stable equilibrium phase, either
by diffusional or diffusionless processes, takes place
through a nucleation-and-growth mechanism that re-
quires overcoming the energy barrier along the trans-
formation pathway. In addition, the minimum energy
barrier can be determined by finding the saddle points
between the metastable state and the most stable (equi-
librium) state.[25] For example, as illustrated in

Fig. 1(b), the lowest energy barriers for 0 fi A fi e
and 0 fi B fi e pathways can be identified by find-
ing the saddle points between A and e and between B
and e, respectively. The 0 fi A fi e pathway is
more likely to happen since it has lower energy barri-
ers than the 0 fi B fi e pathway. It should be men-
tioned that additional factors should also be
considered when the system contains other structural
complexities such as grain boundaries, dislocations,
etc. for analyzing the possible kinetic pathways.

3. Application to Ti-6Al-4V

We now apply the graphical thermodynamic framework
to a particular alloy system. We choose Ti-6Al-4V as a
model system of multicomponent Ti alloys. According to
the existing thermodynamic assessment,[26,27] there exist
three dominant phases (a (hcp), b (bcc) and Ti3Al (DO19))
in a microstructure of Ti-6Al-4V below Tb. The Gibbs free
energy function of the system based on Eq 1 is formulated
as:

f ðXAl;XV;g;/; TÞ ¼ 1� hðgÞ � hð/Þð Þ � f bðXAl;XV; TÞ
þ hðgÞ � f aðXAl;XV; TÞ
þ hð/Þ � f Ti3AlðXAl;XV; TÞ þ gðg;/Þ

ðEq 3Þ

where XAl and XV are the compositions of Al and V,
respectively, g is the structural order parameter describing
the bcc to hcp crystallographic structural change by the
combined shear deformation and atomic shuffle based on
the Burgers mechanism,[28] / is the long-range order
parameter for the ordered DO19 structure, and gðg;/Þ is a
Landau-type free energy for structure transformations to a
and DO19 phases. For the interpolation function, we chose
hðxÞ ¼ 3x2 � 2x3, which is a simple possible form of h(x)

Fig. 1 (color online) (a) The illustration of a Gibbs free energy hypersurface on a X-g space. The state ‘‘0’’ represents the initial unsta-
ble state, the states ‘‘A’’ and ‘‘B’’ represent two metastable intermediate states, and the state ‘‘e’’ is the equilibrium state at given condi-
tions. (b) Possible kinetic pathways 0 fi A fi e (the blue arrow on the right) and 0 fi B fi e (the green arrow on the left)
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that ensures the local extremes of the parent phase (x = 0)
and product phase (x = 1), and can capture the transition of
parent phase stability with temperature change. We empha-
size that the molar Gibbs free energies of b and a phase (f b

and f a, respectively) are directly taken from the thermody-
namic database,[26,27] which is valid over the entire
composition ranges at T> 300 K. We analyze the
b fi (a + b) or b fi (a + b+ Ti3Al) transformation path-
ways starting from the homogeneous b phase with initial
compositions ðX 0

Al;X
0
VÞ ¼ ð0:1019; 0:036Þ in atomic frac-

tion that corresponds to 6wt.% Al and 4wt.%V based on the
criteria in section 2. We consider both isothermal and non-
isothermal conditions in the following sections. It should be
noted that the product a phase can be classified into the
diffusional product ap, the massive product am, and the
martensitic product a’ depending on associated kinetic
processes, which are determined by cooling rate and
chemical compositions. To avoid the complexity, we
describe the free energies of these phases using the unified
free energy function f a with different compositions since
the crystal structure of all these phases is hcp in common.

3.1 Isothermal Transformation Pathways

Under the isothermal condition, the Landau-type free
energy in Eq 3 for a fixed temperature can be simply
formulated as

gðg;/Þ ¼ wa � g2ðg� 1Þ2 þ wTi3Al � /2ð/� 1Þ2 þ c � g2/2

ðEq 4Þ

in a way that ðg;/Þ ¼ ð0; 0Þ, (1,0) and (0,1) corresponds to
the parent b phase, the a phase, the Ti3Al phase, respec-

tively. Accordingly, the energy humps wa, wTi3Al and c
across the a/b, b/Ti3Al and a/Ti3Al interfaces, respectively,
are determined by interface properties based on the diffuse-
interface description.[29] For nucleation and growth, the
nucleation barrier is also expected to be proportional to the
square root of this energy barrier determined from the molar
Gibbs free energy function, according to the diffuse-
interface theory.

By analyzing Eq 3 and 4, we identify the possible kinetic
sequences of phase transformations from b to (a + b)
phases at different isothermal aging temperatures. The entire
temperature range is divided into several different regimes
depending on the operating transformation mechanisms in
terms of fundamental solvus or transus temperatures of
relevant phases (e.g., the transus temperature of the b phase
(Tb)� 1249 K (976 �C) and the solvus temperature of
Ti3Al� 895 K (622 �C) by our thermodynamic calcula-
tions). Each transformation pathway is determined by the
coupling and/or competition of the following two major
stabilities of given phases.

3.1.1 Phase Stabilities with Respect to Compositional
Change. By evaluating the compositional part of

the Hessian matrix in Eq 2:

Hc ¼
@2f
@X 2

Al

@2f
@XAl@XV

@2f
@XV@XAl

@2f
@X 2

V

0
@

1
A ðEq 5Þ

at ðXAl;XV;g;/Þ ¼ ðXAl;XV; 0; 0Þ at different temperatures,
we may construct the phase stability map in the composi-
tional space as shown in Fig. 2(a). The critical composi-
tional boundaries across which the phase stability varies can

Fig. 2 (color online) Compositional stability analysis for b phase in Ti-Al-V system, using thermodynamic database functions. (a)
Isothermal section of compositional instability surface at different temperatures. (b) Compositional stability analysis at T = 400 K for the
initial composition of Ti-6Al-4V; the two pink points, linked by the white tie line, represent the equilibrium composition of b phase (up-
per left) and a phase (lower right), respectively; the thick yellow line separates stability region II and III; the two white dashed lines
gives the compositional instability directions for b phase with the initial composition; the red arrows show the most unstable direction
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be obtained by determining the critical compositions
resulting in the indefinite Hessian matrix (i.e., its determi-
nant equals zero). As shown in Fig. 2(a), the entire possible
compositional space (satisfying XAl + XV< 1) is divided
into three distinct regions[30] depending on signs of the
determinant and eigenvalues of Hc as the following:

• Region I (Hc is negative-definite): b phase is unsta-
ble against compositional variations along all composi-
tional directions;

• Region II (Hc has one positive and one negative eigen-
values): b phase is unstable against compositional vari-
ations along only specific compositional directions;

• Region III (Hc is positive-definite): b phase is
stable for all compositional directions.

Here, the ‘‘compositional direction’’ refers to a varia-
tional direction of two-dimensional composition vector (XAl,
XV) on the compositional space where the Gibbs free energy
hypersurface is defined. For example, since the initial
composition ðX 0

Al;X
0
VÞ ¼ ð0:1019; 0:036Þ of Ti-6Al-4V is

always located within the instability regime below
Ts = 423.7 K (�150.5 �C) as marked in Fig. 2(a), the b
phase separation can occur through the spinodal decompo-
sition into solute-rich (b1) and solute-lean (b2) phases
maintaining bcc structures without having to overcome a
phase nucleation barrier. The decomposed phases may then
undergo complicated transformation sequences to reach the
most stable (a + b+ Ti3Al) mixture with the corresponding
equilibrium compositions. Detailed information regarding
the kinetic pathways can be extracted by closely examining
the Hessian matrix. For instance, for the same compositions

at T = 400 K, although both diagonal terms ( @
2f

@X 2
Al

and @2f
@X 2

V
) of

Hc are positive, one of the eigenvalues of Hc becomes
negative. In this case, the unstable compositional directions
can be calculated by

Hcvð Þ � v � 0 ðEq 6Þ

where v ¼ cos h; sin hð ÞT is a directional unit vector of
compositional variation from the initial composition
ðX 0

Al;X
0
VÞ ¼ ð0:1019; 0:036Þ with an angle h. Based on

Eq 6, we find that the unstable compositional directions lie
between the two white dashed lines in Fig. 2(b). In addition,
the most probable decomposition direction can be deter-
mined by finding the unit vector v that results in the largest
compositional instability, (i.e., the most negative value of
Hcvð Þ � v), or alternatively, by finding the eigenvector of Hc

that corresponds to the negative eigenvalue of Hc. This
direction is indicated by the red arrows in Fig. 2(b). We note
here that there are possible structural instabilities during the
compositional change within this regime as discussed later.
In fact, the experimental observation of the b to (b1 + b2)
decomposition is rare due to the difficulty of retaining b
phase at low temperatures with the composition of b-
stabilizer in Ti-6Al-4V. In practice, the decomposition of b
solid solution usually takes place in b-Ti alloys with more
content of b-stabilizers[2] even though there exists the

theoretical possibility of the spinodal decomposition in Ti-
6Al-4V.

Above the critical temperature Ts for spinodal decompo-
sition, the compositional instability vanishes. Therefore, the
transformation pathway is determined by the relative
stabilities of possible phases within this regime. Since the
relative stabilities of metastable phases are determined by
the relative values of the Gibbs free energy according to
criterion (2) in section 2, the critical temperature across
which the relative phase stability varies is simply deter-
mined by finding the temperature at which the Gibbs free
energies of the associated two phases are equal:
f bðX 0

Al;X
0
V; TÞ ¼ f aðX 0

Al;X
0
V; TÞ. For a homogeneous b

phase of Ti-6Al-4V with the composition
ðX 0

Al;X
0
VÞ ¼ ð0:1019; 0:036Þ, the critical temperature T0

for a and b phases is �1145 K (872 �C) according to our
calculation based on the thermodynamic database. Note that
this critical temperature is lower than the b transus, which
means that it is still within the two-phase (a + b) regime.
This means a phase, with a composition that is different
from the nominal composition, may directly nucleate and
grow from b phase below the b transus and above the
critical temperature (1145 K), leading to the equilibrium
two-phase (a + b) microstructure, as illustrated in Fig. 3(a).
On the other hand, below the critical temperature, the bcc
(b) to hcp (a) structural transformation may first take place
through diffusionless displacive transformation via the
nucleation-and-growth mechanism due to the metastability
of the b phase followed by the diffusional a fi (a + b)
transformation through the nucleation-and-growth mecha-
nism due to the metastability of the a phase, as illustrated in
Fig. 3(b). Although there is a possibility of direct nucleation
of a phases from the initial b phase resulting in the two-
phase microstructure (i.e., b fi a + b) as the case above
the critical temperature, the diffusionless b fi a transfor-
mation is more likely to occur prior to the formation of the
final two-phase microstructure. This is because the structural
change involves local atomic movements (e.g., shear and
shuffle) or short-range diffusion (e.g., massive transforma-
tion[12]) regardless of the metastability of the initial b phase,
which are usually much faster than the long-range diffu-
sional processes. Therefore, the pathway b fi a fi (
a + b) is most probable within this regime.

For the temperatures close to Tb above the critical
temperature, the driving force for phase transformation is
quite small. According to the classical nucleation theory,[31]

the small driving force leads to high nucleation barrier and
large critical nucleus size, which results in the lower
nucleation probability. Therefore, homogeneous nucleation
events of the a phase from the initial b grains rarely occur.
In this case, the a phase may heterogeneously nucleate at or
near b grain boundaries (GBs) and/or dislocations inside b
grains,[32] which requires the significantly lower nucleation
barrier. As the temperature decreases, the homogeneous
nucleation of the a phase inside the grains becomes more
competitive with respect to heterogeneous nucleation. These
microstructural features have been experimentally observed
in Ti-6Al-4V under isothermal conditions.[33]
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The thermodynamic database indicates that DO19-ordered
Ti3Al precipitates may appear below 895 K. The formation of
Ti3Al precipitates in Ti alloys has been experimentally
reported[34] especially when the oxygen concentration is
relatively high (�0.2 wt.%). The Ti3Al phase has been also
theoretically investigated in terms of statistical thermody-
namics and ordering kinetics.[35] To consider the phase
stability of Ti3Al,we formulated f Ti3Al as a function of explicit

compositions based on the sublattice model (Ti,Al,V)3
(Ti,Al,V) for the Ti-Al-V ternary database.[26,27] Employing
the criterion (2) in section 2, the possible kinetic pathway of
phase transformations is identified to be diffusional
a fi (a + b+ Ti3Al) through the nucleation-and-growth
mechanism after the diffusionless displacive b fi a trans-
formation, as illustrated in Fig. 3(c), or diffusional b fi (a +
b+ Ti3Al) through the nucleation-and-growth mechanism.

Fig. 3 (color online) The illustration of kinetic pathways in Ti-6Al-4V under isothermal condition for (a) T0 (1145 K)<T<Tb
(1249 K): b fi (diffusional nucleation and growth) fi (a + b); (b) TTi3Al (895 K)<T< T0 (1145 K): b fi (diffusionless nucleation
and growth) fi a fi (diffusional nucleation and growth) fi (a + b); (c) Ts (423 K)< T< TTi3Al (895 K): b fi (diffusionless
nucleation and growth) fi a fi (diffusional nucleation and growth) fi (a + b + Ti3Al). The kinetic pathways start from a homoge-
neous b phase of Ti-6Al-4V with the composition ðX 0

Al;X
0
VÞ ¼ ð0:1019; 0:036Þ. The dashed red arrow represents discontinuous transfor-

mations (through nucleation-and-growth mechanism). The bottom planes represent the common tangent planes of the molar Gibbs free
energies of the phases presented
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3.1.2 Phase Stabilities with Respect to Structural
Change. According to theoretical studies on

phonon dispersion curves of pure Ti,[36,37] the b phase

becomes dynamically unstable (@
2f

@g2 � 0) at low tempera-

tures (e.g., below Tc = 484.4 K in[37]), since the shear
modulus ((C11-C12)/2) becomes negative and the energy
barrier for the transformation to a phase vanishes. Within
this regime, the bcc to hcp displacive transformation would
occur continuously. On the other hand, above Tc, the
displacive transformation discontinuously takes place
through a nucleation-and-growth mechanism (i.e., marten-

sitic transformation) due to the metastability (@
2f

@g2 > 0) of the

b phase. The Ms temperature reflects a critical (or minimum)
driving force for the b fi a (or a’) martensitic transfor-
mation to take place. From the available TTT diagrams of
Ti-6Al-4V, we know that discontinuous (martensitic) dis-
placive transformations can take place during isothermal
heating at or near martensite start transformation tempera-
ture (Ms) (around 550-650 �C),[1,38-40] which is an example
of the b fi a fi (a + b) pathway discussed in sec-
tion 3.1.1. In this study, since the martensitic phase a’ in
Ti-6Al-4V also has the hcp structure but differs with the
diffusional a products in compositions, we use the same
thermodynamic function f aðXAl;XV; TÞ to describe a’ and
the diffusional a products rather than treating the
metastable a’ as another phase.

Assuming Ms = 873 K (600 �C), then this critical driv-
ing force can be estimated to be 1200 J/mol by
DG ¼ f bðX 0

Al;X
0
V;MsÞ � f aðX 0

Al;X
0
V;MsÞ. By definition,

the instability temperature Tc might be lower than Ms

(Tc<Ms) for Ti-6Al-4V, which enables the estimation of
wa(wa � 3602 J=mol). It should be noted that the value of
wa depends on the choice of the interpolation function h(g).

Under the conditions: @2h
@g2

���
g¼0

> 0 and @2h
@g2

���
g¼1

< 0, wa can be

estimated in the same way for the given interpolation
function. However, the major consequence of the kinetic
pathway analysis will not change. The relative stabilities of
bcc (b) and hcp (a) structures at various temperatures are

illustrated in Fig. 4(a). Note that b phase is still
metastable with respect to the structural order parameter g
at Ms; the free energy curve in Fig. 4(a) becomes concave at
g = 0 when T< Tc.

Therefore, at temperatures below Ms, the system first
undergoes discontinuous (Tc< T<Ms) or continuous
(T< Tc) displacive b fi a’ transformation to form
metastable a’ martensites. Further decomposition into
equilibrium (a + b+ Ti3Al) mixture by diffusional pro-
cesses then occurs. However, the diffusional processes are
often sluggish at such low temperatures in practice. For
example, the metastable martensite structure is usually
retained under room temperature in spite of the existence of
driving forces for the diffusional transformations. The
kinetic pathway is similar to that shown in Fig. 3(c). Note
that we only focus on the temperature-dependence of the
structural instabilities ignoring the possible contributions of
finite deformation strains and shuffling amplitudes in the
Landau-type free energy for simplicity. A more physical and
complete Landau-type free energy for the b fi a transfor-
mation will be discussed in our subsequent work.

Considering both compositional and structural (in)stabil-
ities, we could systematically identify all possible kinetic
pathways from a homogeneous b phase under the isothermal
condition for different temperature ranges as tabulated in
Table 1. Since it is difficult to determine the critical temper-
ature Tc in Ti-6Al-4V, we ignore the temperature regime for
the continuous displacive transformation in Table 1.

3.2 Non-isothermal Transformation Pathways During
Cooling

To control the microstructures for optimizing their
mechanical properties, Ti alloys are usually treated by
continuous cooling processes from above Tb. Compared to
the isothermal condition discussed in section 3.1, the most
significant difference in rapidly cooled Ti alloys is the
higher possibility of displacive transformations due to the
larger transformation driving forces during cooling. To
account for the effect of undercooling on the thermody-

Fig. 4 (color online) Stability of b phase with respect to structure change at various temperatures. (a) Isothermal case; (b) rapid cooling
(or high undercooling). b phase is at g = 0 and a phase is at g = 1. At T = Ms, b phase (g = 0) is still metastable with respect to b fi
a structure change
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namics of b fi a transformation in the free energy
function, we formulate the Landau-type energy function as:

gðg;/; TÞ ¼ wa � g2ðg� 1Þ2 þ f bðX 0
Al;X

0
V; T

0Þ
�

�f bðX 0
Al;X

0
V; TÞ

�
� hðgÞ þ wTi3Al � /2ð/� 1Þ2

þ c � g2/2

ðEq 7Þ

The additional term f bðX 0
Al;X

0
V; T

0Þ � f bðX 0
Al;

�

X 0
V; TÞÞ � hðgÞ accounts for the contribution of the under-

cooling. Due to the mathematical properties of the interpo-
lation function hðgÞ ¼ 3g2 � 2g3, the second derivative of
gðg;/; TÞ with respect to g can even become negative at
low temperatures at ðg;/Þ ¼ ð0; 0Þ (i.e., the initial state can
be structurally unstable) by choosing proper magnitudes of
wa, T0 and T. In the case of Ti-6Al-4V, for the fast cooling
rates (>20 K/s), the diffusionless displacive transformation
can take place. Upon cooling, the Ms temperature is usually
higher than the isothermal counterpart. For example, Ms can
reach �800 �C under cooling according to existing exper-
imental observations and CCT diagrams of the Ti
alloy.[1,41,42] Again, we assume that Ms indicates a critical
driving force to initiate the martensitic transformation. By
setting T0 ¼ Tb, the driving force can be estimated to be
13,306 J/mol, which is higher than that of the isothermal
case. This is because b phase becomes more stable as
temperature increases, which requires larger driving force to
initiate the b fi a’ martensitic transformation. In addition,
when the b phase becomes dynamically unstable under

certain temperature Tc, i.e.,
@2f
@g2

���
ðXAl;XV;g;/;TÞ¼ðX 0

Al
;X 0

V;0;0;TcÞ
� 0,

the value of wa should be larger than 39,917 J/mol since
Tc<Ms. The b phase stability with respect to structural
change for several temperatures is illustrated in Fig. 4(b).

The criteria in section 2 are also applicable to analyzing
the kinetic pathways during cooling. First of all, for slow
cooling (e.g. <0.1 K/s), the temperature homogenization is
allowed, resulting in small undercooling (T0 is close to T).
In this case, the phase transformation kinetic pathways are
quite similar to those under the isothermal condition. During
cooling, the a plates sequentially appear from GBs to grain
interiors due to the change of nucleation modes, as
discussed in section 3.1. In contrast, for fast cooling
(>20 K/s), the temperature homogenization of the sample
is largely inhibited, resulting in large undercooling (T0 is
close to Tb). In this case, the diffusionless displacive

structural transformation can be dominant over the diffu-
sional transformation due to the large driving force for
initiating martensitic transformations. For example, assum-
ing that T0 = Tb, the critical temperature T0 where the Gibbs
free energies of the two phases are equal is shifted to 1243
from 1145 K of the isothermal case. Below this temperature,
the diffusionless displacive transformation can happen
through the nucleation-and-growth process. Moreover, the
martensitic transformation can occur below Ms. It should be
noted that the phases produced by the iso-compositional
transformations, usually massive a or martensitic a, are
thermodynamically metastable. Therefore, these phases can
be further transformed to the equilibrium (a + b)
microstructures through the diffusional nucleation-and-
growth process. However, due to the fast cooling, the
temperature rapidly reaches to significantly low tempera-
tures that may suppress the diffusional processes. As a
result, the metastable phases can be retained for a long time
(�years) at such low temperatures. For the case of
intermediate cooling, the transformation pathways are
influenced by more complicated competitions between
diffusional and diffusionless processes. Depending on the
cooling rate (or undercooling), the critical temperatures (T0
and Ms) are expected to be shifted. With the increase of
cooling rate (or undercooling), it is expected that the driving
force for phase transformation of a phase may significantly
increase, resulting in the increase of nucleation probability
in grain interiors. Consequently, the width of a lamellae
may decrease due to high nucleation density, which has
been observed and discussed in several experimental
investigations.[1,12,41]

The identified possible kinetic pathways of phase
transformations with large undercooling are summarized
in Table 2 based on our discussion above.

3.3 Generalization to Multi-component Ti Alloys

Commercial Ti alloys generally consist of multiple
alloying elements and multiple phases. Even in the practi-
cally used Ti-6Al-4V, some minor alloying elements such as
Fe, O, N, C and H are incorporated, which can influence the
thermodynamic properties and kinetic transformation path-
ways of the alloy. For example, the addition of hydrogen
can decrease both Tb and Ms, and change the crystal
structure of martensite from hexagonal (a’) to orthorhombic
(a’’).[43] Recently, the CALPHAD approach[44] has been
extensively utilized to establish the thermodynamic descrip-
tions for these multi-component and multi-phase Ti alloys.

Table 1 Summary of kinetic pathways in Ti-6Al-4V under isothermal condition

Temperature range Kinetic pathways

T0 (1145 K)< T<Tb (1249 K) b fi (diffusional nucleation and growth) fi (a + b)
TTi3Al (895 K)< T<T0 (1145 K) b fi (diffusionless nucleation and growth) fi a fi (diffusional nucleation

and growth) fi (a + b)
Ts (423 K)<T< TTi3Al (895 K) b fi (diffusionless, discontinuous) fi a or a’ (martensite) fi (diffusional

nucleation and growth) fi (a + b + Ti3Al)

T< Ts (423 K) Competition between spinodal decomposition and martensitic transformation

(or continuous displacive transformation)
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Examples include several ternary,[45-48] quarternary,[49,50]

pseudo-ternary[27] alloys, and several commercial multi-
component Ti alloys. To account for the effects of the
multiple alloying elements, these available thermodynamic
databases can be employed to construct the Gibbs free
energy functions for analyzing the phase stabilities. One
simple example is to use the Ti-Alx-Vy pseudo-ternary
database proposed by Zhang et al.[27] for alloys containing
multiple a- and b-stabilizers, where Alx and Vy represent the
weighted summations of all a-stabilizers and b-stabilizers,
respectively (i.e., Alx and Vy represent the hypothetical Al
and V, respectively, that embody the effects of all other a-
and b-stabilizers). For instance, let us consider the following
multi-component Ti alloy: Ti-6.624Al-4.096V-0.194Fe-
0.1855O-0.0065N-0.02C-0.0044H in wt.% (or Ti-11.14Al-
3.65V-0.1576Fe-0.5262O-0.0211N-0.0756C-0.1981H in
at.%). According to the pseudo-ternary model, the given
alloy is reduced to Ti-7.1275Alx-4.497Vy in wt.% (or Ti-
12.017Alx-4.016Vy in at.%). The complex multi-component
alloy is then treated as a ternary alloy. Therefore, the
possible kinetic pathways can be analyzed using the same
procedures as discussed in section 3.1 and 3.2 using the
pseudo-ternary database for the given alloy. The main
differences from Ti-6Al-4V are the change of critical
temperatures (Tb (1233 K) and T0 (1153 K)). Note that the
change of Ms cannot be directly predicted from the pseudo-
ternary database.

It should be mentioned that more accurate predictions for
multi-component Ti alloys in terms of not only the changes
of characteristic critical temperatures (Tb, T0 and Ms, etc.),
but also the formation of distinct minor phases (e.g., Laves
phase, TiH2, TiM_B2, etc.) can be established by directly
employing the multi-component database. At the same time,
the better accuracy of the multi-component Ti alloy database
requires the more extensive experimental investigations and
thermodynamic modeling using existing binary and ternary
databases. However, we emphasize that the general proce-
dures described in this work could also be applied to the
multi-component systems.

4. Possible Extension to Non-conventional
Kinetic Pathways in Ti-6Al-4V

In section 3, we mainly focus on the conventional kinetic
pathways in bulk Ti-6Al-4V. In reality, there can be other
possible non-conventional kinetic pathways due to the
complexities and inhomogeneities of the alloys. In this

section, we briefly discuss the relevant non-conventional
pathways in connection to our current framework, the
limitations of the current framework and the possible
extensions.

4.1 Pseudospinodal Mechanism

The pseudospinodal mechanism[17] is one of non-classical
transformation mechanisms that may become active near the
critical temperature at which the Gibbs free energies of the
two phases are identical for the given compositions. For
example, the critical temperature is �1145K for Ti-6Al-4V
as discussed in section 3.1. The pseudospinodal mechanism
is initiated by a partitionless or congruent b fi a transfor-
mation followed by decomposition, in which the composi-
tions of the two phases continuously change towards
equilibrium values, just like that in real spinodal decompo-
sitions.[6,21] However, unlike true spinodal decomposition,
the two phases are of different symmetries and the pseu-
dospinodal decomposition process may not necessarily be
related to compositional instabilities. The mechanism was
firstly proposed for explaining the cubic-to-tetragonal trans-
formation,[17] and it was applied to analyzing the phase
transformation mechanisms in a b-Ti alloy.[21] The key
interesting microstructural features of the pseudospinodal
mechanism in the Ti alloys are the sudden increase in the
nucleation rate of a phase, leading to the development of fine
a plates as the temperature approaches T0.

[6,21] Boyne[21]

investigated the pseudospinodal mechanism in Ti-alloys by
employing the phase-field simulations. The proposed trans-
formation kinetic pathways in the pseudospinodal mecha-
nism,[17] as well as the unexpected increase of the nucleation
rate of a phase,[6] were well reproduced. We note that this
mechanism lies between the mechanisms ‘‘b fi (diffu-
sional nucleation and growth) fi (a + b)’’ and
‘‘b fi (diffusionless nucleation and growth) fi
a fi (diffusional nucleation and growth) fi (a + b)’’
in Table 1 as discussed in section 3.1.

4.2 Possible Pathways Due to the Structural
Inhomogeneities in the System

The presence of structural inhomogeneities such as grain
boundaries and dislocations often alters the transformation
pathways since it perturbs the relevant chemical and/or
elastic strain energetics in alloys. It may cause spatially
inhomogeneous distribution of alloying elements, which
gives rise to the local variation of phase stabilities. For
example, grain boundaries often induce solute segregation/
depletion to reduce the excess free energy (or grain

Table 2 Summary of kinetic pathways in Ti-6Al-4V under rapid cooling (or high undercooling)

Temperature range Kinetic pathways

T0 (1243 K)<T<Tb (1249 K) b fi (diffusional nucleation and growth) fi (a + b)
TTi3Al (895 K)< T<T0 (1243 K) b fi (diffusionless nucleation and growth) fi a or a’ (marten-

site) fi (diffusional nucleation and growth) fi (a + b)
T< TTi3Al (895 K) b fi (diffusionless, discontinuous) fi a’ (martensite) fi (diffusional

nucleation and growth) fi (a + b + Ti3Al)
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boundary energy). As a result, the compositions of alloying
elements at or near grain boundaries can be significantly
different from the grain interior counterparts. Since the
relative phase stabilities may vary depending on the
compositions, following the mechanisms discussed in
section 3.1, the phases near grain boundaries would behave
differently from those of the grain interior. If the segregation
of a-stabilizer is induced at a grain boundary, the hetero-
geneous nucleation of a phase can be easily induced at the
grain boundary owing to the chemically and/or elastically
reduced nucleation barrier. Subsequently, the formation of
GB-a phase may perturb the solute distribution nearby and
initiate further a phase nucleation to form a colonies. To
qualitatively investigate the effects of solute-GB interactions
on the transformation kinetic pathways, the following
additional solute-GB interaction potential[51] can be incor-
porated into the Gibbs free energy function (Eq 3):

f sol�GB ¼ �wg � gðf/ggÞ � ðmAl � XAl þ mV � XVÞ; ðEq 8Þ

where wg is the barrier height, f/gg are grain order
parameters describing the grain structure, gðf/ggÞ is the
Landau-type energy function associated with the topological
features of the solute-grain boundary interaction potential,
mAl and mV represent the interaction strength of Al and V
with GBs, respectively. The solute distribution near GBs can
be determined with the additional energetic contribution in
Eq 8, and the possible kinetic pathway can be analyzed by
applying the theoretical framework described in this work.

4.3 Limitation of the Current Framework

First of all, our current framework largely relies on the
bulk thermodynamics of given phases ignoring the possible
effects of interphase boundaries The kinetic pathways due to
structural inhomogeneities (as discussed in section 4.2), and
the details of the transformation kinetics (e.g., the details of
nucleation and growth kinetics) can only be qualitatively
understood. In fact, the interfacial energy and coherency
strain energy arising from the presence of interfaces
between different phases can alter the phase stabilities and
transformation kinetics. To investigate these effects, we may
employ the gradient thermodynamic approach based on the
diffuse-interface description[52] in which interfacial energy
and coherency strain energy are naturally incorporated.

In addition, our current framework excludes some
metastable phases although our free energy functions are
based on the realistic thermodynamic databases. For
instance, the metastable x phase can form athermally or
isothermally in b-Ti alloys, which usually acts as a precursor
for the formation of an incoherent a phase.[1,2] The
formation of the x phase takes place when the given alloy
contain large amount of b-stabilizers. In Ti-6Al-4V,
although the x phase is not frequently observed[1] due to
the limited amount of b-stabilizers, certain specific process-
ing conditions (e.g., upon rapid solidification as reported
in[53]) can lead to the formation of the x phase by inducing
large fluctuations of local compositions of alloying ele-
ments. Since the reliable thermodynamic description of the

x phase is currently unavailable to our knowledge, we
exclude this phase for our analysis.

In spite of the above limitations, we emphasize that our
theoretical framework is quite general and the fundamental
characteristics of the identified kinetic pathways would not
be significantly altered by the above-mentioned additional
contributions.

5. Summary

In this study, we extended the phase transformation
kinetic pathway analysis by Heo et al.[20] to multi-compo-
nent Ti alloys. Using a ternary Ti-6Al-4Vas a model system,
we demonstrated how the realistic thermodynamic database
is incorporated into the graphical thermodynamic frame-
work and predicted the possible transformation pathways
under different thermal treatment conditions. Several pos-
sible pathways involving the complicated coupling between
diffusional and diffusionless processes were verified for the
isothermal heat treatment condition. For the non-isothermal
conditions, we discussed the effects of cooling rates (or the
degree of undercooling) in the light of phase stability
analysis. The possible extension to general multi-component
alloys was also discussed to consider the effects of multiple
minor alloying elements on the kinetic pathways. In
addition to the conventional pathways, we briefly discussed
the possible extension of our framework to the so-called
non-conventional kinetic pathways. We emphasize that the
theoretical analysis of the possible kinetic pathways based
on the graphical thermodynamic approach is able to help
understand the key features of phase transformation mech-
anisms in generic multi-component Ti alloys.
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